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This paper presents the results of studies on the true fracture stresses of the Al alloy 6101 with an ultrafine-grained (UFG) 
structure processed by equal channel angular pressing — conform (ECAP-C) method and the same alloy after artificial aging 
(AA state). The grain size in the UFG state was about 500 nm. Aging particles and Al3Fe particles were present in the structure 
of AA and UFG state. Strength and yield stress increase as a result of the formation of UFG structure. The true strain to failure 
in AA and UFG states of 6101 alloy, taking into account the measurement error, is the same. In this case, the true fracture 
stress of samples with the UFG structure is markedly higher than the true fracture stress of samples with the AA structure. 
An explanation for the increase in the true fracture stress of specimens with UFG structure based on a generalization of the 
Hall-Petch relation and the Zener-Strauss model, a criterion of pore formation on the particle, is proposed.
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1. Introduction

It is well known [1, 2] that the dependence of the yield stress σy 
and flow stress σ(ε) of polycrystalline metallic materials on the 
grain size is determined by the Hall-Petch equations [1, 2]
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where σ0 y, ky are material constants, and σ0(ε) and k(ε) 
are constant parameters for a given value of strain. The 
parameter σ0 y is the “friction stress” of the movement of 
dislocations in crystal lattice, the parameter ky determines 
the grain boundary strengthening.

The yield stress and flow stress of polycrystals depend 
not only on the average grain size, but also on many other 
parameters of the grain structure, such as, for example, 
grain size distribution [3], texture [4], grain boundary (GB) 
structure, etc. However, this does not violate the validity of 
relations (1) and (2), but leads to a change in ky and k(ε), as 
well as the exponent x in the relation σy = σ0 + kyd

 x. Several 
models have been proposed to explain the Hall-Petch (HP) 
relationship (1). The model of dislocation pile-ups is one of 
the most common of these [1, 2, 6, 7].

In the last three decades, a new approach to improve 
the properties of metallic materials due to the formation 
of ultrafine-grained (UFG) and nanostructured states in 
them using severe plastic deformation (SPD) methods has 
attracted a great interest [10 –12]. The formation of UFG 
structures in metals and alloys by means of grain refinement 
to a size of less than 1  µm can significantly improve their 
strength characteristics. A large number of papers [13 –17] 
are devoted to the relationship between the parameters of 
grain structure and the mechanical properties of materials 
obtained by SPD and the deformation features in them. In 
particular, the violation of the Hall-Petch relationship for 

grain sizes in the nanozise-range (20 – 50  nm) is found, 
where a decrease in the yield stress is observed with a further 
decrease in grain size [13 –15]. On the other hand, in some 
cases, UFG materials with a grain size of 100 –1000 nm can 
exhibit higher strength properties than the ones predicted 
by the Hall-Petch relationship, which is associated with the 
state of grain boundaries and segregations at the boundaries 
[18 – 20]. However, the main attention in most works on the 
mechanical behavior of UFG materials has been paid to such 
parameters as the yield strength, tensile strength, and ductility. 
Various aspects of fatigue failure of the UFG materials have 
been studied [10,11]. Though we note that one can also obtain 
such a parameter as the true fracture stress from tensile tests 
[21], which is also of scientific interest. Previously, it was 
shown in [21, 22] that the true fracture stress σI frac of UFG 
titanium, TiNi alloy in the UFG state, exceeds σI frac of these 
materials in conventional coarse-grained state. Nevertheless, 
the analysis and explanation of this was not given in [21, 22].

Al 6101 alloy has a high electrical conductivity and 
strength level, which allows it to be widely used for overhead 
power lines. The alloy exhibits a tensile strength of about 
250  MPa after conventional thermal treatment (quenching 
with ageing) [23, 24]. An additional increase in strength (and 
retention of electrical conductivity) in conductive aluminum 
materials can be achieved by forming the UFG structure using 
SPD [25 – 28]. There are quite a few works devoted to the study 
of the properties of aluminum alloys, and specifically 6101 
alloy, which showed an increase in the strength after SPD, 
including after equal-channel angular pressing according to 
the “Conform” scheme (ECAP-C) [25, 26]. In [29, 30], studies 
on the features of the mechanical behavior, fracture and pore 
formation before the tensile failure of UFG Al 6101 samples 
were carried out. It is shown that Al3Fe intermetallic particles 
based on impurity iron play an important role in fracture. 
These particles with a size of several microns are the centers 
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for the nucleation of discontinuities in the form of nanopores 
and the subsequent fracture of the 6101 alloy samples 
[29, 30]. However, it is important to study the features of the 
mechanical behavior of UFG Al 6101 alloys, in particular, the 
construction of true strain-stress curves in static tension, and 
further analysis of the causes of the increased true fracture 
stress, which is the subject of this work.

2. Samples and research methods

The commercial heat-strengthened aluminum 6101 alloy, 
which belongs to the Al-Mg-Si system, was chosen as the 
research material; its chemical composition is given in Table 1.

The initial billets of 6101 alloy were in the form of rods 
(wire rod) with a diameter of 11 mm. The alloy was subjected 
to thermal treatment according to the following mode: 
quenching (heating up to 550°C) + artificial aging at 170°C 
for 12 hours (“AA” state). Hardening in the AA state is mainly 
due to the precipitation of β'(Mg2Si) or β''+ β'-phases with a 
particle size of about 0.03 µm.

The ECAP-C processing to obtain the UFG state was 
carried out considering the experience of [27]. Rods with an 
initial diameter of 10  mm were subjected to the ECAP-C 
treatment according to the following mode: preheating at 
550°C for 2  hours, quenching in water, and 4  cycles of the 
ECAP-С  processing were immediately carried out at room 
temperature through the Bc route, the channel conjugation 
angle was 130°. Thus, the alloy was subjected to ECAP-C in the 
freshly quenched state of the solid solution. The solid solution 
decomposition and natural aging took place within several days 
after completion of the ECAP-С process in the material in the 
UFG state, which additionally increased the alloy strength.

Mechanical tests on static tension with a fixed tensile rate 
of 1.4 ×10−4  s−1 were carried out on a Shimadzu machine at 
room temperature. The change in the length of the samples 
was recorded using a video extensometer. Cylindrical 
specimens with geometric dimensions of the gage length 
l = 5 mm, gage diameter d = 5 mm were used for mechanical 
tests [29]. Three samples for each condition were tested.

The engineering tensile stress-strain diagrams and 
parameters derived from them incorrectly reflect the behavior 
of the material itself. The true strain  -  true stress diagram 
correctly describes the mechanical behavior of the material.

The engineering strain:

		             ε = Δl / l0,			   (3)

Here, l0 is the original length of samples, ∆l is the increase in 
length, ∆l = l − l0. The true strain is equal to
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where St is the current area of section of the sample.
True deformation curves for the materials are plotted in 

the “true stresses σi  -  true strains e” coordinates (using the 
technique from [12,13]).

The calculation of σi and e values was carried out 
according to the formulas — up to the moment of deformation 
localization (from the constancy of volumes):

 	           � � � �i
S

S
d

d
l
l� � �� �

0

2

0
2

0
, 		  (5)

where σ is the engineering stress,
		         ei = e1= ln (l / l0).		  (6)

However, expression (5) and (6) are valid only up to 
the moment of deformation localization. After the neck 
formation, we determine the end point of the curve. The 
cross-sectional area of the neck of the sample Sр is measured 
after the fracture. True fracture strain еfrac:
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where S0 is the initial area of the sample, Sfrac is the fracture 
area of the sample after the failure.

The true fracture stress σI frac is found by the formula:
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where σfrac is the fracture stress according to the engineering 
tensile diagram. In the first approximation, we can assume 
that in the section from σi (the beginning of deformation 
localization) to fracture, the true stress on the samples 
increases linearly with the growth of true strain. We plot the 
σI frac point at еI frac on the true strain-true stress curve. We 
construct the curve in the area of deformation localization in 
the first approximation by connecting σiв and σI frac.

As a result, we obtain the required true strain-true stress 
diagram.

3. Results

Previous studies have shown that the grain size is more than 
100 µm in the coarse-grained state after AA [29]. There are 
2 types of intermetallics in the AA structure: age-hardening 
particles Mg2Si with a size of about 20  nm and Al3Fe 
inclusions with a size of about 10 µm [29]. Al3Fe inclusions 
were formed due to the presence of impurity iron at the 
stage of alloy casting, and these inclusions do not dissolve 
and do not transform during the thermal treatment used. In 
the UFG state, the grain size is about 500 nm, and there are 
also aging particles (formed as a result of natural aging) and 
Al3Fe intermetallics [29].

The engineering tensile diagrams for the UFG and AA 
states are shown in Fig. 1a.

The true tensile diagrams of the AA and UFG states were 
constructed using the method described above based on the 
obtained engineering tensile diagrams, considering the area 
of the samples after fracture, which is determined from the 
SEM images (Fig. 1b).

Table  2 shows the mechanical properties determined 
from the curves for the AA and UFG structures.

Tests have shown that samples in the UFG state have 
strength and yield stress 25 % higher than in the AA state. 

Alloy grade Limit Al Si Fe Cu Mg Zn В Ti+V+Cr+Mn
6101 Max base 0.60 0.30 0.01 0.60 0.02 0.01 0.015

Table  1.  Chemical composition of the Al 6101 alloy (wt.%).
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Previously, an approximately similar increase in the strength 
of the 6101 alloy as a result of ECAP-C was shown in [25, 26], 
where tests were carried out on cylindrical specimens 
according to All-Union State Standard (GOST). It can also 
be seen that the true strain to fracture of the 6101 alloy in the 
AA and UFG state, considering the measurement error, is the 
same. In this case, the true fracture stress of the UFG samples 
is noticeably higher than that of the AA samples. As already 
mentioned, the increase in strength and yield stress as a result 
of ECAP-C is determined by a decrease in the grain size of 
an alloy according to the Hall-Petch relationship, whereby 
the more stress is required for the flow of dislocations with a 
decrease in the grain size. However, the question of why the 
true fracture stress of the samples increases during the UFG 
structure formation requires special discussion.

In the 6101 alloy, the pore formation and subsequent 
fracture during deformation occurs on Al3Fe inclusions 
[29, 30, 31]. The well-known Zener-Stroh model [32] is the 
pore formation criterion, which states that a pore on a particle 
is formed when the stress σ reaches a certain critical value σr:

			   σ > σr			   (9)

On the other hand, the Hall-Petch relationship [1] has 
the following explanation (Fig. 2): according to the model of 
dislocation pile-ups, slip in a polycrystal is transferred from 
grain to grain through the grain boundary when the stress 
concentration near the head of the cluster of dislocations 
formed near the boundary exceeds some critical value τс. The 
number of dislocations in a cluster with length L at an active 
uniform shear stress τ is equal to n = α1πLτ / GbL, where α1 is 
the coefficient close to unity, depending on the nature of the 
dislocations, G is the shear modulus, bL is the Burgers vector 
of a dislocation [9]. The stress acting on the head dislocation 
is equal to τ1= nτ [9], therefore τ1= α1πLτ2 / GbL. Assuming 
that the friction force τ0 acts on the dislocations in the slip 

plane and the length of the pile-ups is equal to half the grain 
size d, we obtain the equation for the shear stress that ensures 
the flow of dislocations through the grain boundary:
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where τс is the critical value of τ1, at which the head 
dislocation crosses the boundary. The flow of dislocations 
through the grain boundary determines the yield stress as 
a macroplastic deformation of a polycrystalline material 
(in contrast to microplastic deformation, where the flow 
of dislocations is within the individual grains favorably 
oriented for deformation).

In other words, the number of dislocations n accumulating 
at the grain boundary during microstrain (flow within one 
grain) increases with the grain size d, which causes an increase 
in stress τ at the boundary. The movement of dislocations into 
a neighboring grain occurs at a certain critical stress τс = τ1+ τ 
where τ is the external stress on the sample.

A similar model can be developed  — extended to 
the fracture stress (Fig.  3). The number of dislocations np 
accumulating at the grain / particle interface increases with 
an increase in the path length / generation of dislocations 
in accordance with the growth of the grain size. And at the 
grain / particle interface, dislocation pile-ups np cause stresses 
σρp. To achieve the critical stress σr, which causes a rapture at 
the material / particle interface, and to form a pore, one can 
use the equation from the model of dislocation pile-ups:

		              σr = σc − σρp	 		  (11)

where σρp = (2GbLσc / απ)1 / 2d1 / 2.

			      a 							            b
Fig.  1.  Diagrams for: artificial aging (AA) and ultrafine-grained (UFG) state of 6101 alloy under engineering stress-strain (a) and true stress-
strain (b). σi — true stresses (the most typical curves are shown).

Structure 
state

YS,  
MPa

UTS, 
MPa

δhom,  
%

d,  
%

σI frac, 
MPa

еfrac

AA 230 265 12 42 365 0.92
UFG 305 350 5 48 565 0.95

Table  2.  Mechanical characteristics of the 6101 alloy in the AA and 
UFG states. δhom (%) is the homogenous deformation, еfrac — true 
fracture strain, σI frac — true fracture stress, the error of stress was 
about ±15 MPa, error of δ was about ±3 %, еfrac ± 0.3.

Fig.  2.  Scheme illustrating the relay transfer of plastic deformation in 
a polycrystal, which determines the Hall-Petch relationship. EPS — 
easy slip plane.
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In turn, fracture occurs due to the formation and 
coalescence of pores arising during the pore deformation, 
and hence σr determines σI frac.

		               σr ≈ σI frac 			   (12)

Thus, the joint analysis and compilation of the conditions 
of the dislocation cluster pile-ups model and the Zener-Stroh 
model explains the increased true fracture stress in UFG 
materials.

4. Conclusions

The ECAP-C treatment of the 6101 alloy results in a 25 % 
increase in strength and yield stress over conventional 
quenching and aging treatment, referred to as artificial aging.

The true stress-strain diagrams of the 6101 alloy samples 
in the AA and UFG states are plotted, from which it follows 
that the true strain to fracture of the 6101 alloy in both states, 
considering the measurement error, is the same. In this case, 
the true fracture stress of the UFG samples is noticeably 
higher than that of the AA samples.

The increase in the yield stress and the associated tensile 
strength in the UFG state is explained by the Hall-Petch 
relationship: a greater external stress is required to set the 
flow of dislocations as the grain size decreases.

An explanation is proposed for the increase in true 
fracture stress of samples during grain refinement based on the 
compilation of the Hall-Petch relationship and the Zener-Stroh 
model — the criterion for pore formation on a particle when 
stresses at the matrix / particle boundary reach critical values.
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