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General requirements to the initial structure and phase composition of commercial middle- and high-strength age-hardenable 
aluminum alloys, especially to the parameters of precipitates of main strengthening phases and transition metals aluminides, 
which are important for nanostructuring of the alloys matrix under processing, involving severe plastic deformation (SPD), 
preliminary and post-SPD heat treatment, are reviewed. The data on the structure, hardness and tensile strength found in disc-
shape samples severely deformed via room temperature high pressure torsion (HPT) are analyzed. The role of precipitates in 
grain refinement down to nanoscale sizes is demonstrated. Influence of the origin, morphology and densities of precipitates 
on the efficiency of nanostructuring and strengthening of the alloys is analyzed. Structure-strength relations, evolution of 
grain and second phase structure parameters prior to, during, and after SPD are discussed. It is concluded that in order 
to obtain high-strength nanostructured states, the alloys should be deformed in a preliminarily quenched state. Post-SPD 
aging of preliminarily quenched and underaged alloys can provide them extra hardening up to 15 %. A contribution of the 
SPD-induced formation of nanosized subgrain / grain boundary networks on the strength of alloys does not exceed that of 
dispersion hardening by conventional aging.

Keywords: aluminum alloy, severe plastic deformation, precipitates, nanostructuring, recrystallization.

1. Introduction

In recent decades, thermomechanical treatment aimed at 
nanostructuring (nanoTMT) of widely used commercial 
middle- and high-strength age-hardenable Al alloys has been 
actively developed. Nanostructuring commonly means the 
reduction in size of phase components of alloys or even one 
of their structural parameter down to hundred nanometers 
or less [1 – 3]. One of the potentially industrial methods of 
nanostructuring was realized in a number of techniques 
collected under a term of so-called severe plastic deformation 
(SPD) [4 – 10]. The nature and technical aspects of SPD 
have been described in a plenty of studies. However, many 
points do not still have a systematic description and remain 
undisclosed. Among them is the effect of initial material 
state on the structure and related properties developed. So, 
general requirements for efficient nanostructuring and, most 
importantly, on structural principles of its control are still 
absent.

Since the Al alloys are mostly complex systems containing 
a number of primary and secondary phases, understanding 
their role in nanoTMT is strongly required. Especially, the 
role of precipitates in developing the structure of the alloy 
matrix should be considered. By the origin and morphology 
these phases are commonly divided into two groups. The 
first one belongs to so-called dispersoids with a diameter 
up to hundreds of nanometers. They are formed during hot 
processing of an ingot due to decomposition of the aluminum 

solid solution supersaturated by transition metals (TM). 
The second one includes zones and precipitates of main 
strengthening phases forming under natural and / or artificial 
aging of pre-quenched (Q) cast or wrought products. Their sizes 
can reach several microns after long-term heterogenization 
annealing at temperatures below solvus point [11 – 14]. Under 
conventional TMT these precipitates stimulate nucleation of 
centers of discontinuous recrystallization (particle stimulated 
nucleation effect) [14 – 16], while dispersoids suppress 
dislocation rearrangement (dynamic recovery) and grain 
growth owing to Zener effect [7, 16, 17], stabilizing their size. 
The significance of both effects for nanostructuring seems 
to be important, since SPD is more frequently accompanied 
by fragmentation and continuous dynamic recrystallization 
and post-SPD annealing results in poligonization and 
discontinuous / continuous static recrystallization [6, 7, 9, 17].  
According to [16, 18], formation and transformation of low-
angle boundaries into high-angle ones (LABs into HABs) 
occur more intensely, when the LABs are stabilized by disperse 
phases. However, in their presence more diffuse intergranular 
boundaries can be formed and this, on the contrary, hinders 
their conversion into HABs [16, 19].

The high potential of nanoTMT for conventional cast and 
wrought Al alloys has been shown in numerous studies. It 
is also announced as quite an efficient commercial route to 
enhance their service and functional properties [20 – 27]. In 
this regard, optimization of the matrix structure of alloys and 
its heterogeneity (sizes, distributions and densities of second 
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phases) before SPD comes to the forefront, because properties 
of the final product are conditioned by initial structure / phase 
state and its subsequent transformations under processing.

Thus, the purpose of the paper is to review some recent 
data obtained by the authors and to elucidate the potential 
of the effect of initial alloy condition, in particular the 
size of grains and secondary phases, on the structure and 
strength of SPD-processed commercial middle- and high-
strength age-hardenable Al alloys. For that, evolution of 
their structure / property relations under SPD, preliminary 
and post-SPD heat treatment will be considered for the most 
powerful nanostructuring technique, high pressure torsion 
(HPT) [4, 7, 10, 27].

2. Results and discussions

2.1. Effect of prior SPD aging

The complex effect of severe straining and nanosized 
precipitates of both TM aluminides and main strengthening 
phases was analyzed for Zr modified 7475 high-strength  
(Al-6.0Zn-2.5Mg-1.8Cu-0.23Cr-0.16Zr) alloy [28]. The 
chill cast ingot was preliminarily homogenized at 490°C for 
20 hrs and water quenched from 475°C to provide matrix 
supersaturated by Zn, Mg and Cu and homogeneously 
distributed dispersoids. Part of samples was further under-
aged (UA) at 120°C for 8 hrs to add nano-sized metastable 
η' (MgZn) type phases. Then the alloy in both states was 
subjected to HPT at room temperature (RT) up to effective 
strain of e ~ 7 under applied pressure of 5 MPa.

It was found that the HPT to maximum strains resulted 
in non-equilibrium nanostructure in both initial states 
(Fig.  1a, b). In the UA alloy, it was a mixed subgrain / cell 
one, composed by equiaxed (50 – 80 nm in diameter) and 
elongated (300 nm in length) crystallites, predominantly 
separated by LABs. However, in the Q state the crystallites 
were mostly equiaxed with more distinct boundaries. 
Moreover, the hardness increase in the Q alloy was more 
intense in the earlier SPD stages, followed by saturation at 
high strains, while in UA state, the hardness grew gradually, 
approaching the same saturation value (Fig.  1c). Thus, it 
was concluded, that the kinetics of grain refinement, as the 
morphology and parameters of the SPD-induced structures 
were surely conditioned by the effect of the heterogeneity 
of the initial structure: the higher were the densities of 

nanosized precipitates in the alloy matrix, the less-developed 
nanostructure was formed under SPD. Inhibition of dynamic 
recovery and homogenization of dislocation slip were 
determined as the main cause of such an alloy behavior [28].

2.2. Effect of grain size, TM contents and overaging

In [14, 29 – 31], hot-extruded rods of middle-strength 1420 
alloy of standard composition (Al-5.5Mg-2.1Li-0.12Zr), 
having partially (d = 7  µm, Vrec = 35 %) and completely 
(d = 5 µm, Vrec = 95 %) recrystallized structures (coarse- and 
fine-grained (CG and FG rods, consequently), and also 
CG homogenized ingot, (d ~ 47  µm) with less amount of 
Zr (0.09 %), were also processed by HPT. Prior to SPD, the 
samples were solution treated, quenched in water and part 
of them were further overaged (OA) at various temperatures 
and times. Unlike the Q alloys with the unimodal size 
distribution of precipitates of Zr aluminides with a 
mean diameter about 20 nm, the OA states had bimodal 
distribution of secondary phases, owing to additions of δ- 
(Al-Li) and S- (Al2LiMg) phases of larger sizes (in the range 
of 150 – 600 nm) and fewer densities.

It was found that the nanostructures obtained were non-
equilibrium fragmented (of grain / subgrain type) ones with a 
quite similar morphology (Fig. 2a, c). Basing on these data, no 
effects of the initial structure and its heterogeneity on severely 
deformed structures were detected. However, the effects have 
been observed in post-SPD annealed alloys, that is after 
transformation of deformation structures into equilibrium 
nano-grain ones owing to static recovery and recrystallization 
(Fig. 2b, d). As a result, in OA states, the coarser grains were 
formed regardless the dispersion of the strengthening phases 
prior SPD. Besides, an insignificant influence of the initial 
grain size on the final one was also observed in the Q alloys. 
Such a behavior was conditioned by the dynamic and static 
decomposition of the aluminum solid solution, suppressing 
the dislocation rearrangement and grain / subrgrain boundary 
movement by forming GP-zones and metastable phases and 
complicating thereby coalescence and growth of subgrains 
and grains. On the opposite, precipitation and coagulation 
of strengthening phases before SPD had a minor effect on 
grain boundary mobility, allowing both these processes. The 
largest grain size found in the preliminarily heterogenized 
ingot (Fig.  2d) was reasoned by the smaller density of TM 
aluminides owing to the smaller Zr content.

Fig. 1. Typical TEM structures of the preliminarily as-quenched (Q) (a) and further underaged (UA) (b) 7475Zr alloy after HPT (RT, e = 7, 
P = 5 GPa) and corresponding hardness changes with true strain (c) [28].

a b c
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2.3. Effect of size, densities and nature of precipitates

The most detailed analysis of the influence of precipitates 
of different origin was performed in [32 – 34] for the high-
strength 1965 (Al-8.1Zn-2.2Mg-2.3Cu-0.27Sc-0.10Zr-0.10
Mn) alloy. The homogenized ingots were processed by HPT 
(10 turns, 6 GPa, RT) in the Q, UA, PA (peak-aged) and OA 
(OA1 and OA2) conditions.

Unlike the Q state with coherent Al3(Zr,Sc) precipitates 
of about 20 nm in diameter, with density of 3 × 103 µm−3 
and unimodal size distribution, the aged ones contained 
also the main strengthening η-type phases from 5 to 60 nm 
in equivalent diameter and with densities in the range of 
5 × 104 – 2 × 103 µm–3, consequently (Fig. 3). In UA and PA 

conditions the precipitate distribution was bimodal, in 
OA1  — unimodal and in OA2  — also bimodal. The main 
distinction of OA1 from UA and PA states was in η-type 
phases coarsened to sizes of TM aluminides. Besides, the 
origin of bimodality in OA2, UA and PA states was different, 
as the second mode in the first one was formed by stable 
coagulated η-phases with corresponding decrease in their 
densities and volume fractions, and in the latter ones — by 
TM aluminides.

As in previously discussed studies, TEM analysis after 
SPD has revealed well-developed nanostructure of the 
matrix in the Q alloy with the mean fragment size of ~80 nm 
(Fig. 4a, b). However, the preliminary under- and peak-aging 
at 170°C, 10 hrs resulted in the highly work-hardened solid 

                   a                                             b                                                            c                                                                              d
Fig. 2. Typical TEM structures of pre-quenched 1420-type alloys after HPT (RT, P = 6 GPa) (а) and further annealing (b), and dependencies 
of their fragment (c) and grain (d) sizes on average size of δ and S strengthening phases prior HPT [14].

                           a                                              b                                             c                                             d                                           e
Fig. 3. Precipitates in the 1965 alloy after quenching (a), further 5 and 10 hrs aging at 170 (b and c) and overaging at 200 (d) and 250°C (e). 
Al3(Zr,Sc) phases are visible in (a), (b-e) illustrates η-type phases of different composition, shape, size and density.

                         a                                              b                                             c                                              d                                             e
Fig. 4. TEM structures of Q (a and b), UA and PA (170°С, 1 and 10 hrs) (c and d), and OA2 (e) (250°C, 5 hrs) 1965 alloy after HPT.
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solution with high densities of homogeneously distributed 
dislocations, being free of any features of recrystallization or 
polygonization (Fig. 4c, d). That means complete suppression 
of nanostructuring of the matrix. It was reasoned by an order 
of magnitude increase in density of nanosized precipitates 
under aging, leading to an increased homogeneity of macro- 
and microplastic deformation. Meanwhile, nanostructure, 
differed from that in the Q alloy by non-equiaxed shape of 
crystallites and their somewhat larger size, has been found in 
both OA samples (Fig. 4). This testifies that the matrix is able 
to dynamic recrystallization when the densities of the main 
strengthening phases are of the same order or less, than of 
secondary TM aluminides in conventionally treated ingots. It 
should also be noted that the nanostructure in the OA alloys 
was quite similar to that processed in the UA 7475 alloy [28] 
and can also be associated with the development of a spatial 
net of microshear bands, intersecting the elongated cellular 
substructures with high densities of lattice dislocations.

Another important finding was incomplete dissolution 
of secondary phases under SPD to high strains, which 
was frequently observed in Al alloys after HPT [4,8]. 
Moreover, both types of precipitates were TEM detectable 
in all structures processed. These data give us two important 
assumptions: а) TM aluminides still exist after SPD and 
remain coherent in unrecrystallized matrix in pre-aged 
conditions, testifying no changes in their orientation within 
the surrounding aluminum lattice; and b) the contribution of 
dispersion strengthening in the alloy strength has no sense 
changes under HPT.

Despite the low temperature deformation to actual high 
strains, heterogeneity of the initial structure significantly 
affected the alloy hardness and tensile strength after SPD 
(Fig.  5a, Table  1). Being in a good agreement with the 
alloy structure transformations, the Q alloy demonstrated 
the strength higher than in other states. Its initial strength 
was conditioned by three main factors: а) strength of 
pure aluminum (Peierls-Nabarro force); b) aluminum 
solid solution hardening due to the supersaturization by 
main alloying elements (Zn, Mg, Cu); and c) dispersion 
strengthening of the matrix by TM aluminides. These three 
contributions gave the alloy hardness of about 110  HV 
(Fig.  5a). Further peak-aging owing to η-phase dispersion 
hardening increased it on about 80 – 90 HV. Under HPT the 
pre-quenched alloy possessed work- and grain boundary 

strengthening with a total amount of about 150 – 160  HV, 
giving the hardness up to 270  HV. Such a level is mainly 
conditioned by an increase in dislocation density and also by 
grain and subgrain refinement, being the maximum in the 
Q state. At that time, preliminary minimum solution and 
η-phase dispersion strengthened OA states with hardness of 
about 80 HV possessed nearly similar strengthening under 
HPT and resulted in hardness of about 200 – 220 HV. Thus, 
these data give us a conclusion, that the pure effect of the 
alloy nanostructuring under HPT, accompanied by increase 
in dislocation density and formation of nanoscale network 
of non-equilibrium subgrain / grain boundaries, is limited by 
the value of about 150 HV. Taking into account the hardness 
of UA and PA alloys before and after HPT, the contributions 
of both work- and grain boundary strengthening could be 
estimated each, as about 70 – 80 HV. It is a bit less than the 
dispersion strengthening under conventional aging.

The data in Table 1 also have proved the strong dependence 
of the tensile strength of the SPD-ed alloy on initial structure 
heterogeneity. The maximum strengthening was found in 
Q alloy, causing by the formation of the most-developed 
nanostructure. However, the alloy ductility is critically low 
with elongations to failure not exceeding 2.5 %. Meanwhile, 
the pre-aged alloy showed about 25 % reduced yield strength 
along with significantly enhanced ductility. Thus, suppression 
of the matrix nanostructuring owing to implementation 
of a preliminary aging into nanoTMT, resulted in its less 
structural hardening. Therewith, this hardening was too 
close to the level found in commercial T1-tempered hot-
pressed rod (Table 1), that realized the effect of substructure 
hardening and dispersion strengthening.

                                               a                                                                                  b                                                                       c
Fig. 5. Evolution of the 1965 (a) [34] and D16 (b and c) [37] alloys hardness vs (a) — initial size of η phase precipitates, (b) — time of aging 
at 190°C and (c) — time of further re-aging at 100°C. Symbols in (c) correspond to duration of preliminary aging in (b).

Тable 1. The 1965 alloy mechanical properties.

Condition Hardness, HV YS, МPа UTS, МPа El, %

T1 (rod) (min) 210 690 720 4

Q + HPT 270 ± 10 990 ± 40 1030 ± 35 2.1 ± 0.5

UA + HPT 235 ± 15 745 ± 25 800 ± 25 7.6 ± 2.1

PA + HPT 225 ± 15 750 ± 40 795 ± 40 7.4 ± 2.0

OA1 + HPT 225 ± 10 820 ± 20 880 ± 30 1.5 ± 1.0
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2.4. Effect of aging and re-aging.

In [35,36] the effect of disperse strengthening phases, whose 
parameters were varied by changing the duration of artificial 
aging under the standard preliminary strengthening 
heat treatment, on nanostructuring of the 2xxx alloy was 
investigated. In addition, the response of the alloy hardening 
at SPD and post-SPD re-aging was measured. With this 
aim the hot-pressed aluminum alloy D16 of a standard 
composition (Al-4Cu-1Mg-0.4Mn) was subjected to room 
temperature HPT with 10 turns at P = 6 GPa. Preliminarily 
the alloy was solution treated at 505°C and water quenched, 
then artificially aged at 190°C (at a temperature of standard 
T1  route) in the range from 1 to 10 hrs (10 hrs annealing 
corresponds to PA (T1) condition). As a result, the Q state 
was characterized by the supersaturated by Cu and Mg 
aluminum matrix with fairly uniform distributed particles of 
T-phase (Al2Mn3Cu2) having average length and thickness of 
330 and 70 nm, respectively, and density of 3 × 102 µm–3. In the 
pre-aged alloy, owing to decomposition of aluminum solid 
solution, in addition to these phases, zones and metastable 
nanosized lamellar precipitates of the strengthening S-phase 
(Al2MgCu) were formed. Their sizes increased and densities 
decreased with aging time and reached 205 × 8 nm and 
4 × 103 µm–3, respectively, after 10 hrs aging.

As in previous studies, the most uniform and developed 
nanostructure of a matrix with an average fragment size 
about 70 – 80 nm and high dislocation density was formed 
in the Q alloy. Pre-aging led to some suppression of SPD 
nanostructuring and increasing the fraction of areas with 
high dislocation densities (dense dislocation walls). Judging 
by the data in Fig. 5b, these structural differences resulted in 
near equal hardness of all conditions processed, in spite of 
typical alloy aging response. Thus, after small aging times, no 
significant hardness changes were observed; and in PA alloy 
the dispersion strengthening prevailed over solid solution 
softening and provided a hardness gain till 40 – 45  HV. 
However, SPD led to considerable alloy strengthening with 
unique high hardness values irrespective the initial state 
(Fig. 5b). Their difference before and after HPT indicates that 
the alloy in Q and UA conditions possessed the maximum 
strengthening owing to SPD. With increase in the aging time 
to PA point, the alloy extra hardening decreased. These data 
also testified that the strengthening under HPT is controlled 
by the heterogeneity of the initial structure. Therewith, the 
SPD-ed alloy strength is conditioned by two factors  — 
increase in density of defects of a crystal structure (generally 
dislocations and their arrays), and formation of a net of 
new grain boundaries. The contribution from the last has a 
maximum in the Q alloy and decreased with aging time.

Carrying out the re-aging of SPD-ed alloy at 100°C 
up to 100 hrs has demonstrated a good potential to its 
additional hardening. The hardness increase on 15 – 30 Hv 
was observed in all conditions investigated, except PA one 
(Fig. 5c), causing that its value was in a right dependence on 
the preliminary degree of supersaturization of the aluminum 
solid solution. The most intense hardening was found during 
the first 50 hrs of re-aging. And even after 100 hrs, the effect 
was visible for Q and UA states, testifying also the strong 
effect on the initial alloy condition under complex nanoTMT 

with two aging steps  — before and after SPD. These data 
give us one more proof to absence of a sense dissolution of 
precipitates of both types under HPT up to 10 turns at room 
temperature, determining the alloy strength and hardness 
values.

3. Summary

The structure and phase evolutions under HPT, as well as 
under prior- and post-deformation heat treatment studied, 
influence the structure and mechanical behavior of middle- 
and high-strength age-hardenable alloys in accordance with 
the well-known structure / property relationships, observed 
at their conventional TMTs. For instance, cold straining, 
realized by any techniques, commonly resulted in the alloy 
strengthening, as due to HPT. However, despite the extremely 
high strains and degree of work-hardening reached in the 
studies presented, the initial alloy condition significantly 
affected their structure transformations and strengthening. 
Therewith, the levels of hardness and tensile strength in 
the pre-quenched and SPD processed, nanostructured 
alloys were abnormally high compare with conventional 
products. Meanwhile, the SPD-ed alloys in the pre-annealed 
conditions demonstrate a considerably less strength and 
enhanced ductility, being in a good agreement with the 
type and homogeneity of the diffuse dislocation structure 
processed and the level of their initial hardness, determined 
by the degree of structure heterogeneity. Suppression of 
the nanostructuring because of preliminary artificial aging 
and formation of uni- or bimodal size distributions of 
nanoprecipitates with total densities not less than 104 µm−3, 
could give the minimum structural hardening under HPT. 
Thus, these alloys, especially in the initially PA state, could 
demonstrate not only complete absence of nanostructuring 
of the matrix, but also low difference in strength before and 
after HPT, resulting in low efficiency of their nanoTMT.

The preliminary overaging, accompanied by increasing 
the size of precipitates and decreasing their density with 
annealing temperature and time, gives somewhat reduced 
hardness values after SPD. It has been conditioned by two 
facts: a) some loss in dispersion hardening of the initial state, 
owing to phase coarsening, resulted in the same effect in the 
processed alloy; and b) nanostructural strengthening of the 
alloy matrix was somewhat less than in the pre-quenched one 
due to formation of less-developed grain boundary net with 
a larger spatial size (spacing). However, in distinction with 
under- and peak-aged conditions, the difference in hardness 
between initial and SPD-ed OA states is much higher and 
near equal to found in Q conditions, testifying the potential 
of hardening of HPT processing.

Meanwhile, the SPD-ed alloys can possess extra 
hardening being realized at their post-deformation aging. For 
that the alloys have to deform in the preliminarily quenched 
or underaged conditions.

Thus, the nanoTMT, involving preliminary quenching, 
cold HPT, and post-SPD low-temperature aging is the most 
effective route to impart superstrength to age-hardenable 
aluminum alloys conditioned by the synergy effect of well-
developed nanostructure, high densities of dislocations and 
high densities of precipitates.
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